Precipitation Hardening in

Nickel-Copper Base Alloy Monel K 500

G.K. DEY, R. TEWARI, P. RAO, S.L. WADEKAR, and P. MUKHOPADHYAY

The occurrence of a significant amount of age hardening, due to the precipitation of the
y' phase, has been demonstrated in the nickel-copper base alloy MONEL K 500. The micro-
structure of the precipitation-hardened and deformed alloy has been examined in peak-aged
underaged and overaged conditions. An attempt has been made to compare the observed in-
crements in strength in these three aged conditions to those predicted on the basis of relevant

theoretical models.

I. INTRODUCTION
MONEL* K 500 is a nickel-base age-hardenable

*MONEL is a trademark of Inco Alloys International, Inc.,
Huntington, WV.

alloy containing a substantial amount of copper together
with small amounts of iron, manganese, aluminum, and
titanium. Age hardening in this alloy is caused by the
formation of coherent, ordered (Nis(Al, Ti)) precipi-
tates.!! This alloy not only possesses excellent corrosion
resistance like other monel alloys but also has a high
room-temperature strength, comparable to those of some
Ni-Cr-base alloys and low-alloy precipitation hardening
steels.

Although this alloy has been in use for some time, its
age-hardening behavior does not appear to have been
studied in detail previously. This article describes the
age-hardening response of MONEL K 500 and attempts
a systematic analysis of the relationship between the
microstructure of the alloy and its strength. The micro-
structure has been studied with special reference to the
dislocation arrangements and the dislocation-precipitate
interactions in specimens containing different volume
fractions and sizes of precipitates. An effort has been
made to compare the observed increase in strength due
to precipitation with that predicted theoretically on the
basis of the available models. MONEL K 500, like some
other commercial, nickel-base, precipitation-hardenable
alloys (e.g., NIMONIC* PE16 and NIMONIC 105), is

*NIMONIC is a trademark of Inco Alloys International, Inc.,
Huntington, WV.

well suited for a comparative study of this kind, since
the ordered phase forms as coherent, nearly stress-free
(zero misfit), spherical precipitates. These particles,
after isothermal aging treatments, cover a wide range of
precipitate sizes. In the present work, the theoretical in-
crease in strength in the underaged condition has been
estimated by a combination of the Brown—Ham™ and
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the Haasen—Labusch models.” In the peak-aged and
slightly overaged conditions, a theoretical estimate of
the increase in strength has been obtained on the basis
of the formulation proposed by Nembach and Neite."!
For significantly overaged conditions, the relationship
suggested by Kocks™ and Hirsch and Humphrey™ has
been used. While analyzing the experimental data, the
anisotropy of the matrix has been taken into account.
The dislocation line tension has been evaluated with re-
spect to its dependence on the size and volume fraction
of the particles. Loss of solid solution strengthening of
the solute-depleted matrix in the aged specimens has
been taken into account while determining the strength-
ening contribution of the precipitates. The effect of pre-
cipitates on fracture morphology has been also
discussed.

II. EXPERIMENTAL

The MONEL K 500 alloy used in this work was ob-
tained from International Nickel Company Ltd. in sheet
form. The nominal composition of the alloy is given in
Table 1. Cold-rolled sheets of thickness 1.5 mm were
used for making tensile specimens. Room-temperature
tensile tests were carried out using an Instron tensile test-
ing machine at a strain rate of 107 /s.

Solution treatment of specimens was carried out at
1223 K for 1 hour, followed by water quenching. Aging
was carried out at 873, 923, and 973 K for periods rang-
ing from a few hours to several days, followed by water
quenching. For all these heat treatments, the specimens
were encapsulated in evacuated silica capsules, contain-
ing helium gas at 175-mm pressure. Specimens for trans-
mission electron microscopy were prepared by jet
electropolishing, using an electrolyte containing 33 pct
nitric acid and 67 pct methanol by volume. The electro-
lyte temperature was maintained at about 240 K.

III. RESULTS
A. Microstructural Studies

1. Microstructure of the undeformed alloy

The solution-treated specimens consisted of austenite
() grains, the average size being about 5 um. Some of
the grains were found to contain annealing twins
(Figure 1(a)). Blocky particles of a TiC-type primary
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Table I. Nominal Composition of the Alloy

Element Ni Mn Fe Si Cau Al Ti
Amount (wt pct) 61.80 1.25 2 1 30.20 3.5 0.95

carbide phase were distributed in intergranular as well
as intragranular locations (Figures 1(b) and (c)). Elec-
tron diffraction observations failed to indicate the pres-
ence of any state of order (long range or short range) in
the y phase.

The formation of vy’ precipitates was studied in
solution-treated and aged specimens. The precipitates
had a spherical morphology (Figure 2). The distribution
of the y' particles was homogeneous, and the grain
boundaries did not show any precipitate-depleted re-
gions. However, precipitate-depleted regions were often
observed around the TiC-type carbide particles. Precip-
itates of an M,;Cs-type phase were found to form at the
grain boundaries in the aged specimens. These precipi-
tates had a plate-shaped morphology and did not appear

to join to form a continuous layer along the vy grain
boundaries (Figure 3).

The volume fraction of the ' phase was found by
electron microscopy to be approximately 6.5 pct at the
aging temperature of 923 K. The misfit, &, defined as
(@' — a)/a (where a’ is the lattice parameter of the
v’ phase and a is the lattice parameter of the y phase)
was determined from X-ray diffraction to be about 0.05
pct. The misfit was also determined by convergent beam
electron diffraction (CBED). Figure 4 shows a CBED
pattern corresponding to the [111] zone axis in a spec-
imen aged at 873 K for 16 hours. Due to the small size
of the precipitates, the pattern has superposition of
higher order Laue zone (HOLZ) lines from the precipi-
tate as well as from the matrix, manifested in the form
of a splitting of the HOLZ lines. A comparison of the
observed HOLZ lines with the simulated patterns re-
vealed that the lattice parameter mismatch is less than
5 x 107" m (0.005 A). A description of the micro-
structure of the solution-treated alloy and of the y' pre-
cipitation kinetics has been published elsewhere.!!)

(b

(©)

Fig. 1—Bright-field electron micrographs showing (q) annealing twins in the solution-treated specimens and () intragranular and

(c) intergranular distribution of TiC-type primary carbide phase.
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Fig. 2—Dark-field micrograph showing spherical Nix(Ti, Al)
solution-treated and aged

precipitates in  the
(973 K for 1000 h).

specimen

L\i&'\" : .
L5 F:‘

o

Fig. 3—Precipitates of the M,;Cq-type carbide phase at the grain
boundaries.

2. Microstructure of the deformed alloy

The arrangement of dislocations in the solution-treated
and deformed (3 pct deformation) specimens was found
to be nonplanar in several regions of the grains. Dis-
location tangles could be observed clearly (Figure 5(a)).
The absence of any marked tendency of the dislocations,
either for distribution along well-defined planar arrays
or for pairing, was suggestive of the fact that the stack-
ing fault energy of the alloy was not low and that short-
range order was absent in the solution-treated and
water-quenched material. In the context of stacking fault
energy, it could be mentioned here that although nickel
has a high stacking fault energy,™ alloying may decrease
the value of this parameter, as has been noted, for in-
stance, for many Ni-Cr-base alloys.® Though copper is
present in MONEL K 500 in a substantial quantity, its
addition is not very effective in reducing the stacking
fault energy of nickel.”) The change in stacking fault
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Fig. 4— CBED pattern from the {111} zone axis in specimen aged at
873 K for 16 h.

energy of the Ni-Cu matrix in this alloy, due to the other
alloying additions, is very likely to be very small due to
the fact that these elements are present in small quan-
tities. It is pertinent to mention in this context that
Raynor and Silcock,' in their studies on some 7y'-hard-
ened alloys, have observed tangled dislocation arrange-
ments in the solution-treated and deformed condition and
have attributed such arrangements to the high stacking
fault energy of the alloy.

Solution-treated specimens, after aging at 973 K for
2 hours, showed a planar arrangement of dislocations in
most of the regions (Figure 5(b)). The occurrence of
superlattice reflections in selected area diffraction pat-
terns indicated that precipitation had occurred as a result
of this aging treatment. Most of the planar dislocation
arrays were found to emanate from the grain boundaries.
This kind of dislocation arrangement is indicative of the
occurrence of inhomogeneous slip and is typical of many
precipitation-hardened alloys.!'" In these alloys, dis-
locations can shear the particles and move through them
when the small interparticle spacing does not permit by-
passing the particles by looping. The formation of sharp
slip bands occurs, since the shearing of particles leads
to a lowering of the resistance against further dislocation
motion in the slip planes.['

In specimens containing precipitates, the dislocations
showed a tendency for pairing (Figure 6). Movement of
dislocations in pairs has been observed in many ordered
alloys.!" The movement of the leading dislocation cre-
ates disorder in the ordered particle, which is sub-
sequently restored by the movement of the trailing
dislocation.

The dislocation arrangement continued to be planar
in specimens containing larger precipitates (precipitate
size ~10 nm). Dark-field micrographs (Figure 7) indi-
cated a displacement of the two halves of a precipitate
due to the shearing action of the dislocations. As the
precipitate size increased further, a qualitative change
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Fig. 5—Bright-field electron micrographs showing (a) tangled dis-
focation arrangement in solution-treated alloy and (&) planar arrange-
ment of dislocations in solution-treated and aged specimen (973 K
for 2 h).

was found to occur in the arrangement of dislocations.
Well-defined planar arrays were no longer observable.
Instead, complex dislocation bands could be seen
(Figure 8(a)). The dislocation arrangement in these com-
plex bands was suggestive of the fact that direct inter-
action had occurred between dislocations on a number
of slip planes. With further increase in precipitate size
(precipitate size 20 nm; specimen aged at 973 K for
64 hours), more changes were observed in the dis-
location arrangement as well as in the nature of
dislocation-precipitate interaction. Though the disloca-
tion arrangement was predominantly planar in specimens
containing very small precipitates, as the precipitate size
increased, the leading dislocations in dislocation pairs
started showing a marked tendency for bowing
(Figure 8(b)). With a further increase in the precipitate
size, it was possible to see loops along with the slip
bands (Figure 9). Weak beam images indicated that
though bandlike features were present, dislocations had

2712--VOLUME 24A, DECEMBER 1993

Fig. 6— Planar arrangement of dislocation pairs in specimen aged at
873 K for 2 h.

Fig. 7— Dark-field micrograph indicating the displacement of the two
halves of y' precipitates (shown by arrows) due to the shearing action
of the dislocations.

actually started forming tangles (Figure 10). Secondary
slip interactions could be observed in some imstances
(Figure 11(a) and (b)). In substantially overaged speci-
mens, Orowan looping was found to be the predominant
mode of dislocation-precipitate interaction (Figure 12).
The occurrence of more than one loop could also be ob-
served around some particles. Intersection of loops on
two intersecting slip planes, leading to the formation of
(100) dislocation segments, has been observed by
Singhal and Martin.!"¥ In Figure 12, loops which are
parallel to the plane of the figure (marked A) can be
seen, as well as those which are perpendicular to this

METALLURGICAL TRANSACTIONS A
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Fig. 8 —(a) Bright-field image of complex dislocation bands and
(b) the bowing tendency of the leading dislocation in pairs (shown by
arrow).

e 4
* 1+ 0.25um
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Fig. 9— Bright-field image of loops along with slip bands in speci-
men aged at 973 K for 16 h.
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Fig. 10— Weak beam image showing dislocation tangles in specimen
aged at 973 K for 16 h.

plane (marked B). Intersection of such loops is likely to
lead to the formation of sessile dislocations of the {100)
type and to result in rapid work hardening.!"!

B. Strength Evaluation

The effects of aging time and temperature on the hard-
ness and yield strength of the alloys were studied. The
variation in hardness with aging time at different tem-
peratures is shown in Figure 13(a). The hardness in-
creased monotonically with increasing aging time at the
aging temperature of 873 K and saturated after about
64 hours of aging. However, a drop in hardness was
observed after relatively small periods at higher temper-
atures (923 and 973 K) due to overaging. The depen-
dence of the yield strength on the aging parameters was
found to follow a trend similar to that of the hardness
(Figure 13(b)). The observed increase in flow stress has
been compared with the theoretically estimated values in
Section IV-B.

C. Fractography

In solution-treated specimens, the fracture surface was
found to consist of deep dimples (Figure 14(a)) with a
bimodal size distribution. The larger dimples had a num-
ber density similar to those of the primary carbides.
Moreover, carbide particles were found to be embedded
at the base of some of these dimples. These observations
were suggestive of the fact that the primary carbides act
as nucleation sites for voids. The smaller dimples, the
majority of which were found to lie on the ridges of the
larger dimples, might have originated at smaller inclu-
sions which could not be identified by microstructural
examination. Thompson and Weihrauch!!> have postu-
lated the presence of these inclusions to explain dimple
formation in relatively clean metallic materials.

In specimens containing very small- (<10 nm) and
intermediate-sized (=15 nm) vy’ particles, large dimples
with carbide particles could be seen. These dimples were
found to be shallower, indicating a smaller ductility at
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Fig. 11— Bright-field electron micrographs showing interaction between dislocations (indicated by arrows) lying on (a) (111) and (111) and

(b) (111) and (111) slip planes.

Fig. 12—Micrograph showing Orowan looping as the dominant
mechanism of precipitate dislocation interaction. Intersection of loops
on two different slip planes is indicated by an arrow.

the fracture surface (Figure 14(b)). Some regions also
showed void coalescence (Figure 14(c)). In these spec-
imens, it was difficult to ascertain whether the y' par-
ticles also acted as nucleation sites.

IV. DISCUSSION AND ANALYSIS
A. Microstructure of the Deformed Alloy

The observed changes in the nature of the dislocation
arrangement accompanying the growth of precipitates
could be summarized as follows. The nonplanar dis-
location arrangement in solution-annealed specimens
changed to a planar arrangement with the formation of
precipitates. The planar arrangement persisted as long as
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the 7y’ particles were small enough for precipitate
shearing to be the predominant mode of precipitate-
dislocation interaction. However, in specimens contain-
ing sufficiently large precipitates, Orowan looping
became the preferred mode of interaction. In these sam-
ples, the back stress caused by the dislocation loops
around the particles promoted cross slip. However, in
the absence of particle shearing, there was no lowering
of the resistance to subsequent dislocation motion, a fac-
tor which, otherwise, would have tended to bring about
a planar arrangement. As a result, a tangled arrangement
of dislocations reappeared in specimens containing large
precipitates. This observed change in dislocation ar-
rangement with increasing particle size in the aged and
deformed specimens agreed well with that reported by
Raynor and Silcocki'™ for a PE16 alloy.

A qualitative explanation of the observed variation of
the strength of the alloy with increasing average precip-
itate size is straightforward. A quantitative theoretical
estimation is presented in Section IV-B. Assuming that
the volume fraction of the precipitate phase is indepen-
dent of the precipitate size, it can be surmised that the
interparticle spacing increases with increasing precipitate
size. When this spacing is small, the dislocations remain
relatively straight as they move due to the application of
external stresses. In this small precipitate—small inter-
particle spacing situation, precipitate shearing pre-
dominates and dislocations move in pairs in a y' bearing
alloy like MONEL K 500. When the leading dislocation
of a pair cuts a precipitate, its motion is impeded by the
formation of an antiphase domain boundary (APB).
However, the trailing dislocation balances the APB
force, and thus, the yield stress of the matrix-precipitate
aggregate tends to approach that of the matrix phase. As
the precipitates grow in size, the interparticle spacing
increases. In this situation, the leading dislocation of a
moving dislocation pair can bow when it encounters a

METALLURGICAL TRANSACTIONS A
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Fig. 13—Plots showing (a) hardness variation of aged alloys as a function of aging temperature and time and (&) variation of yield strength as

a function of aging temperature and time.

precipitate. As a consequence, it encounters more par-
ticles than the trailing dislocation which remains rela-
tively straight. Since the leading dislocation encounters
more particles than the trailing dislocation, the former
meets with greater resistance to its motion.!'"! As a re-
sult, an increase in the applied stress, accompanied by
a decrease in the pair width, is necessary to move the
pair. The leading dislocation may either bypass the par-
ticle or shear it, depending upon which process requires
smaller stress. The former process is favored as the
interparticle spacing increases. Both weak and strong
coupling to dislocation-precipitate interaction!'” couid
be seen in MONEL K 500. An illustration is given of
weakly paired dislocations interacting with underaged
particles (Figure 6). The average spacing between the
paired dislocations was found to be about 10 to 15 times
the average particle diameter and about 5 times the av-
erage interparticle spacing, in conformity with the model
of weak coupling.!'” Some examples of strongly coupled
dislocations can be seen in Figure 8(b).

B. Application of Theoretical Models of Strengthening

In most cases of precipitation hardening, in the initial
stages of particle coarsening, the interparticle spacing is
small and particle shearing is favored. With the progress
of coarsening, as the interparticle spacing increases,
looping of the precipitates becomes possible. When pre-
cipitate shearing occurs, the strengthening of the alloy

METALLURGICAL TRANSACTIONS A

can arise due to (a) coherency strain hardening,
(b) surface hardening, (c) order hardening, (d) modulus
hardening, and (e) stacking fault hardening. In
precipitation-hardened nickel-base superalloys, strength-
ening primarily results from order and coherency hard-
ening mechanisms. In order to evaluate the relative roles
of the two mechanisms, the theoretically calculated val-
ues of A7, the increase in the critical resolved shear
stress (CRSS), has been found for each mechanism and
compared with the observed values.

In MONEL K 500, the major contribution to hard-
ening is order hardening. The other important mecha-
nism of hardening, coherency strain hardening, is likely
to make a very small contribution to the overall
precipitation-hardening effect, because the coherency
strain ¢ is extremely small (less than 0.003). At such
small values of coherency strain, the coherency hard-
ening is very small and could be neglected, as estimated
by the relationship!'®!

AT = o[G, eI [frb /251" (1]

where « is a constant, G, the shear modulus of the alloy
(68.6 GPa), f the precipitate volume fraction, r the av-
erage particle radius, s the line tension of the dislocation,
and b its Burgers vector.

Order hardening, the main hardening mechanism in
this low misfit alloy, is brought about by the interaction
of dislocations with ordered precipitates and has been
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Fig. 14— Fractograph of (a) solution-treated specimen showing a bimodal size distribution of dimples, (b) shallower dimples at the fracture
surface indicating a lower ductility at the fracture surface after aging, and (¢) void coalescence in fractured surface of aged specimen. Carbide

particles can be seen at the base of some of the dimples.

considered in three different age-hardened conditions,
namely, underaged, peak aged, and overaged condi-
tions. The precipitate dislocation interaction mechanisms
corresponding to these conditions have been examined
in the following sections. ‘

1. Underaged condition

The major contribution to hardening in the underaged
condition was due to the cutting of ordered precipitates
by dislocations and the consequent creation of APB. A
relationship based on a model which combines the
Brown-Ham approach” and that of Haasen and
Labusch®™ was used to calculate the CRSS required to

2716—VOLUME 24A, DECEMBER 1993

move weakly coupled dislocation pairs cutting ordered
precipitates:t*

A7 = (AY?/2b) (/)" + Ayy, f/2b (2]

where A, = 0.91, A, = 0.55, and v, is the APB energy
of the y' phase. The value of the line tension s was cal-
culated by an iterative process suggested by Reppich,!'!
which considers the anisotropic nature of the two-phase
material.

2. Peak-aged condition
In the peak-aged condition, precipitation strengthen-
ing of a material hardened by shearable, “zero” misfit

METALLURGICAL TRANSACTIONS A



ordered precipitates, would be governed solely by the
shearing of the particles. This is due to the fact that the
shear stress required for particle shearing is lower than
the Orowan stress associated with the looping of dis-
locations around precipitates.® The increase in the flow
stress brought about by precipitation hardening in the
peak-aged condition was estimated by using the

relationship!®
Y1 2ws 1/2 }
= 3
T b {(ﬂ‘wq)l/2f f [ ]

where w, = 0.82 and w, = 0.75.
It is noted that Eq. [3] gives the upper limiting value
for Ar.

3. Overaged condition

In the overaged condition, two processes may take
place, concurrently or in succession: (1) particle cutting
in slightly overaged conditions and (2) Orowan looping
in substantially overaged conditions.

In a moving dislocation pair, when the first dislocation
is impeded by a dislocation loop around a precipitate,
the approach of the second dislocation increases the
shear stress between the leading dislocation and the
loop, and consequently, the particle may be sheared and
the loop annihilated. Thus, planar slip may be observed
in an alloy containing slightly overaged ' particles. In

the present work, the CRSS for slightly overaged alloy

was estimated by using the relatlonshlp[‘”
1/2
Gb 2awgyr
M { f < o 1)} [4]
where u is a coefficient.

uG.b?

The reduction in stress due to the coarsening of pre-
cipitates is compensated by the transition of dislocation
pairs to single dislocations, and thus, there is a net in-
crease in strength in the initial stages of overaging.

In the substantially overaged alloy, the interparticle
spacing increased due to the coarsening of y' particles,
and the paired dislocations decomposed to single dis-
locations. Consequently, the precipitates were bypassed
by dislocations, leaving behind a large number of shear
loops around the particles. The estimate of stress in this
stage was made by using the following expression:®!]

4bM [In {8wr/R}1*

eg
r[(ww /O = 2w [In {r(mw, /)" /R

[5]

where M,, = [M (O = 0)- M0 = 7/2)}"*, M(© = 0)

= 2.73 GPa, MO = w/2) = 4.52 GPa, R, = b, and
Y is a statistical factor with a value of 0.9.

AT =

wr

C. Determination of APB Energy of the ¥' Phase

An estimate of the APB energy of the ¥’ phase was
required for determining the increase in strength due to
precipitation hardening while considering the mecha-
nisms previously mentioned, except that for Orowan
strengthening. Several methods have been suggested for
the determination of the APB energy and in the context
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of precipitation these have been found to yield values
which differ considerably. A few of these methods are
outlined in the following sections.

1. Minimum Orowan loop size method

This method is based on the fact that a particle of crit-
ical size can only support a loop when the force on the
dislocation arising from self-stress equals the force gen-
erated due to the creation of APB on shearing the par-
ticle.”? The smallest observable loop is in a critical
condition where these two forces just balance. The ra-
dius-of such a loop can be related to the APB energy v,
by the following equation:!*?

G,bzl <8r0> <2 - V) (6]
— I
e 87ry b 1-w

where rq is the minimum loop radius and » the Poisson’s
ratio.

In the present work, a large number of loops were
examined in the aged and deformed specimens. These
loops were examined in +g and —g reflecting conditions
in order to allow for the displacement of electron images
from dislocation centers. The minimum loop diameter
was found to be about 9 nm, which yielded a value of
v = 0.167 J/m’.

This method of determining the APB energy suffers

from ‘some possible errors which are discussed in
Reference 4.

2. Dislocation-pair spacing method

The average spacings § were measured between dis-
locations in a pair lying beyond the range of influence
of other dislocations. The repulsive force between the
dislocations in a pair is balanced by the APB energy that
each dislocation encounters.!*®! The repulsive force (R')
can be expressed by the following equation:!'”

., Gb (1 —wvcos’O R
R:2ﬂ'§< 1 —v >:1/2< 577 *nf

(71

where O is the angle between the Burgers vector and the
dislocation line. The average value of APB energy de-
termined by this method was found to be y, = 0.185
J/m?. In addition to these two methods, the APB energy
was also estimated by using the following equation:!'”!

Afpg = 0.56<%> £ 8]

where A7, was equated to the observed peak strength
and value of APB energy found to be equal to 0.157
J/m’. The values of the APB energy of the y' phase
determined in this study by various methods are not very
different and are close to that in PE16." Titanium has
been found to increase the y° APB energy in some al-
loys.[!® Since the titanium content of this alloy is just
slightly different than that of PE16, the APB energy val-
ues are also close.

The theoretically estimated values of A7 for specimens
aged at 923 K in the underaged, peak-aged, and over-
aged conditions are shown in Figure 15, using an APB
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Fig. 15—Plots showing the theoretically estimated value of A7 as a
function of ' particle size attributable to (1) underaged (Eq. [2]),
(2) peak-aged (Eq. [3]), (3) slightly overaged (Eq. [4]), and (4) sub-
stantially overaged (Eq. [5]) conditions.

energy value of 0.16 J/m’. Also shown are the experi-
mentally determined values of Ar.

A fact of considerable significance is that the amount
of solute atoms like aluminum and titanium in the -y ma-
trix containing ¥y’ precipitates is smaller than the
solution-treated and quenched matrix which is precipi-
tate free.!? Titanium and aluminum are very potent solid
solution strengtheners in nickel-base alloys.!'¥! Depletion
of the matrix in these elements caused by precipitate for-
mation is likely to bring down the strength of the matrix.
Nembach and Neite*! suggested the following relation
for separating the contributions caused by solid solution
hardening, 7,, from those owing to precipitation
hardening:

7%= 73 + A 91

where 7, is the total strengthening and A7 is the strength-
ening due to precipitates.

In order to accurately determine 7, in the case of the
alloy NIMONIC PE16, Nembach and Neite¥ made an
alloy having the composition of the solute-depleted ma-
trix after y’ precipitation is complete in the alloy. Such
an exercise was not undertaken in the present study,
since it was found that the extent of solute depletion of
the matrix after complete y' precipitation was small. The
loss in strength of the matrix after precipitation was es-
timated by considering the solid solution strengthening
effect of each element going into the precipitate individ-
ually and by adding these contributions.?*! It was found
that the total loss in strength of the matrix owing to sol-
ute depletion was not substantial. This is not surprising,
because the volume fraction of the ¥’ phase is rather
small in MONEL K 500.

The agreement between the observed increase in
strength and that predicted from the models was satis-
factory in the small particle size regime. However, for
the larger particle size range (peak-aged and overaged),
the agreement was not as good, presumably because in
such specimens, precipitate shearing and Orowan loop-
ing might occur concurrently. In such a situation, it
would not be possible to describe the observed behavior
by considering just one model, because each model as-
sumes only one specific type of dislocation particle
interaction.
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D. Work Hardening

The rate of work hardening in the presence of precip-
itates was found to be higher than that obtained in the
case of the precipitate-free (solution-treated) matrix and
increased with increasing precipitate size. In specimens
where cutting of particles was noticed, the increase in
work hardening rate was small. The enhancement in
work hardening rate with increasing particle size, even
in specimens where particle shearing occurred, was pre-
sumably owing to the fact that the passage of dis-
locations through a particle reduced that particle’s
diameter, making the passage of the next pair easier.
The relative reduction in diameter for a small particle is
known to be larger than that for a large particle.!'”

In specimens where Orowan looping occurred, work
hardening was found to be very strong. A straight-
forward explanation for this is the gradual reduction in
the effective interparticle spacing with the formation of
loops around precipitates, making passage of dis-
locations progressively difficult.!'”

E. Fracture

A correlation between the microstructure and the ap-
pearance of the fracture surfaces obtained by fracturing
the specimens in tension is discussed in this section. The
fracture surfaces were found to be dimpled in solution-
treated as well as in solution-treated and aged speci-
mens, which was indicative of the occurrence of ductile
fracture in all these specimens. Ductile fracture by dim-
ple formation involves three stages: void nucleation,
void growth, and void coalescence.!?>?%! Voids have gen-
erally been found to nucleate at particle-matrix inter-
faces. With this point in view, nucleation of voids at the
interfaces of different types of particles, such as carbide
and 7y’ precipitates, was examined in different speci-
mens. Void growth and coalescence were also likely to
be influenced by the morphology of the particles.!*"

It was suggested earlier that some second-phase par-
ticles act as nucleation sites for voids only if their size
is greater than a critical size.!?®! The nature of the particle
is also important; a precipitate-matrix interface is likely
to be more secure than the interface between an inclusion
and the matrix.

Specimens containing very large ' particles also
showed larger dimples. The dimples were much shal-
lower than those seen in solution-treated specimens.
Some flat regions indicative of shear could be seen
(Figure 14(b)). The fracture surface also showed some
large ridges and furrows. The presence of carbide par-
ticles at the base of larger dimples was indicative of the
fact that the primary carbide particles were effective nu-
cleating agents. The M,;Cg¢-type carbides which formed
at the grain boundaries did not promote intergranular
fracture. This is not surprising in view of the fact that
such carbides have been found to cause intergranular
failure only if these are present in the form of a contin-
uous film at the grain boundaries.™!

V. CONCLUSIONS

1. Significant age hardening occurs in MONEL K 500
due to the precipitation of the ' phase.

METALLURGICAL TRANSACTIONS A



2. When the alloy is deformed in the underaged con-
dition, there is a pronounced tendency for dis-
locations to move in pairs, and particle shearing is
the predominant mode of dislocation-precipitate
interaction. The observed interdislocation spacing is
in reasonably good agreement with that predicted on
the basis of weak coupling models.

3. Deformation of the peak-aged alloy involves both
particle shearing and looping of dislocations around
precipitates. Strongly coupled dislocation pairs could
be observed in the peak-aged alloy.

4. In the overaged alloys, looping of dislocations
around precipitates is the primary mechanism of
dislocation-precipitate interaction. A transition from
paired dislocations to single dislocations is associated
with the looping process.

5. While slip is predominantly planar in the underaged
alloy, cross slip occurs in the overaged alloy, leading
to complex slip interactions and a concomitant en-
hancement in work hardening.

6. The agreement between the observed increase in
strength and that predicted on the basis of relevant
models is the most satisfactory in the small precipi-
tate size regime.
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